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Abstract

The aim of this work is to determine the relaxation times of the cooperative conformational rearrangements of the amorphous phase in
semi-crystalline poly(ethylene terephthalate) (PET) and compare them with those calculated in amorphous PET. Samples of nearly amor-
phous polymer were prepared by quenching and samples with different crystallinity fractions were prepared from the amorphous one using
cold crystallisation to different temperatures. The differential scanning calorimetry (DSC) thermograms measured on samples rapidly cooled
from temperatures immediately above the glass transition show a single glass transition which is much broader in the case of high-crystal-
linity samples than in the amorphous or low-crystallinity PET. To clarify this behaviour, the samples were subjected to annealing at different
temperatures and for different periods prior to the DSC measuring heating scan. The thermograms measured in samples with low crystallinity
clearly show the existence of two amorphous phases with different conformational mobility, these are called Phases I and II. Phase I contains
polymer chains with a mobility similar to that in the purely amorphous polymer, while Phase II shows a much more restricted mobility,
probably corresponding to conformational changes within the intraspherulitic regions. The model simulation allows to determine the
temperature dependence of Phase II relaxation times, which are independent from the crystallinity fraction in the sample and around two

decades longer than those of the amorphous polymer at the same temperature. © 2002 Elsevier Science Ltd. All rights reserved.
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1. Introduction

The conformational mobility of the polymer chains
pertaining to the amorphous phase of a semi-crystalline
polymer is restricted in the proximity of the crystallites
and, as a consequence, the glass transition in semi-crystal-
line polymers depends on the crystalline fraction and also on
its microstructure [1-4]. Poly(ethylene terephthalate) (PET)
can be easily obtained as either closely amorphous or semi-
crystalline, in a range of crystallinities that can range from
~0 to 50% as a result of thermal treatments above the
glass transition. Schmidt-Rohr et al. [5] tried to prepare
completely amorphous PET by quenching it from the melt
into liquid nitrogen, but they always found a residual crys-
tallinity of 5 = 2%. They also referred that the low-trans
probability in the melt could be the primary reason for the
relatively low-crystallisation rate of PET, which allows easy
preparation at different crystallinity degrees [5]. As the crys-
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tallinity of PET may be controlled by different thermal treat-
ments, this material has been frequently used as a model
system for studying the influence of crystallinity on the
glass transition of the amorphous phase and other physical
properties [6—26].

Several techniques such as dielectric spectroscopy
[11,21], thermally stimulated depolarisation currents [24],
thermally stimulated polarisation currents [24] and dynamic
mechanical experiments [17] have been used to reveal the
existence of two distinct amorphous phases in PET.
Differential scanning calorimetry (DSC) has been specially
useful to study the presence of these two phases due to the
possibility of performing experiments after subjecting the
sample to different thermal treatments that induce physical
ageing.

An amorphous polymer (or an amorphous phase in a
semi-crystalline polymer) in the glassy state is out of
thermodynamical equilibrium, and under constant environ-
mental conditions (in particular at constant temperature and
pressure) suffers a process tending to approach equilibrium.
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During this process, called physical ageing or structural
relaxation the enthalpy, entropy, volume and other physical
properties change continuously. A sample that has been
subjected to an isothermal treatment at a temperature 7T,
in the range or below the glass transition, for a time ¢,
and then to a heating scan in the DSC from a temperature
well below T, to a temperature above the glass transition,
shows in the thermogram a peak in the interval of the glass
transition whose height and temperature location depends
on the values of 7, and ¢,. The presence of these ageing
peaks in the thermogram can be detected much easier than
a step in the heat flow or the heat capacity, even if the
amount of the amorphous phase responsible for the glass
transition is small. This feature has been used in the case of
the study of the glass transition of semi-crystalline PET.
Double peaks are found in the thermograms of low-crystal-
linity samples previously annealed at temperatures in the
range of the glass transition revealing the presence of two
amorphous phases [10,16,17,22,24,25,27], one of them
corresponding to the amorphous chains situated close to
the crystallites or in intraspherulitic regions and the other
in interspherulitic regions.

The study of structural relaxation may provide a deeper
insight in the phenomenology of the conformational mobi-
lity of the amorphous chains. Structural relaxation is a non-
linear and non-exponential process [28—34] and this makes
that there is not a simple relationship between the measur-
able properties and the variables characterising the kinetics
of the process, such as the relaxation time. Nevertheless it
has been shown that the main features of the structural
relaxation process can be modelled on the basis of a distri-
bution of relaxation times that depends both on the tempera-
ture and on the structure of the material represented by the
value of the relaxing variable (in DSC experiments enthalpy
or entropy) [30-39]. A comparison between computer
simulation and experimental results allows us to determine
a series of parameters than can be in some way related to the
molecular mobility.

The evolution of the enthalpy in response to a thermal
history consisting of a series of temperature jumps from
T;_, to T; at time instants ¢;, followed by isothermal stages
is given by
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where Ac,(T) = ¢,|(T) — ¢,,(T) is the configurational heat
capacity, the difference between the heat capacity in the
equilibrium liquid state and that of the glassy state and &
is the reduced time:
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The relaxation function ¢ is assumed of the Kohlrausch—

Williams—Watts [40] type in most applied models:
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The relaxation time 7(¢) in Eq. (2) is a function of both
temperature and the separation from equilibrium measured
by the fictive temperature, which links any out-of-equili-
brium state at temperature 7 with an equilibrium state
[30,31]. The fictive temperature 7y can be calculated from
enthalpy data through
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where T is a temperature above the glass transition.

In the model proposed by Narayanaswamy [30] and then
by Moynihan and co-workers [31] (hereafter the NM
model), the double dependence of the relaxation time on
temperature and structure is expressed by
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x is a parameter between 0 and 1. Eq. (5) reduced to an
Arrhenius dependence for the relaxation time in equilibrium
(T; = T) with Ah", an apparent activation energy.
Alternatively, in the model proposed by Scherer [33] and
Hodge [34] (hereafter called SH model), an expression
deduced from the Adam—Gibbs [41] theory is applied
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where S, is the configurational entropy. Assuming Ac,(T) =
TyAc,(T,)/T, one arrives to [28]
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where T, is the Gibbs—DiMarzio [42] transition tempera-
ture. Eq. (7) reduces to a Vogel equation in equilibrium.

In both NM and SH models, four parameters describe
the structural relaxation process (AR*, x, A, and B in
NM model and D, T,, A, and B in SH model). These
parameters are assumed to be material parameters, and
so independent from the thermal history. Nevertheless,
it has been shown that it is difficult to reproduce with
a single set of model parameters the c,(T) curves
measured in DSC heating scans after different thermal
histories [43-46].

One of the main assumptions in the models explained
earlier is that an amorphous material kept in isothermal
conditions in any out-of-equilibrium state would reach at
infinite time an equilibrium state determined by the extra-
polation to temperatures below T, of the enthalpy equili-
brium line determined at temperatures above the glass
transition. This comes from the identification of the limit
of the fictive temperature at infinite time with 7. Recently, a
model has been proposed in which the limit at infinite time
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of the structural relaxation process is considered to be a
metastable state with higher configurational entropy and
enthalpy than the equilibrium state obtained by extrapola-
tion. This situation would come from the collapse of the
configurational rearrangements when the number of config-
urations available for the polymer segments attains a certain
limit. When this limit is reached, the system is in a meta-
stable state and no further decrease in the configurational
entropy is possible. Thus, the equilibrium states would not
be attainable with the kind of processes described in this
work.

To introduce this hypothesis, the model equations were
expressed in terms of configurational entropy [38,39,47,48]
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where SI™(T) is the configurational entropy in the meta-
stable limit states. In order to describe this function, it is
necessary to introduce new model parameters, something
which in principle is not desirable. To reduce the number
of new parameters to a minimum Silm(T ) was defined as
shown in Fig. 1(a) (dashed-dotted line). The slope of the
Slcim(T) curve is smaller than the one of the configurational
entropy in equilibrium S¢(7) at temperatures below the
glass transition. The change of slope approaching the equi-
librium values is gradual, covering a temperature interval of
15 K. The change of slope shown in the sketch of Fig. 1(a)
and determined by the reference temperature, T, should be
to a certain extent coincident with the glass transition
temperature interval. In the calculations, we will take a
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Fig. 1. (a) Sketch of the configurational entropy corresponding to the liquid
state (dashed line) to an experimental cooling scan at a finite cooling rate
(solid line) and to the hypothetical line of the limit states of the structural
relaxation process (dashed-dotted line). (b) c,(T) lines corresponding to the
three cases described in (a). The dashed line corresponds to the liquid state
¢,i(T), the solid line corresponds to an experimental cooling scan and the
dashed-dotted line corresponds to the specific heat capacity in the limit
states of the structural relaxation process: c},i"’(T).

value for T}; equal to the glass transition temperature deter-
mined from the intersection of the enthalpy lines corre-
sponding to the liquid and glassy states. In this way, a
single additional parameter & defined in Fig. 1, is introduced
into the model.

In Eq. (8), the reduced time is given by Eq. (2), the
relaxation function is the KWW Eq. (3) and the relaxation
time is given by the Adam-Gibbs expression (6) which
needs no further manipulation to be introduced in Eq. (8).

Ac,ljm(T) is defined through
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thus, if T is a temperature above the glass transition region
for any temperature 7 in the glass transition temperature
interval or below
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It has been shown [38,39,47-50] that the agreement
between the model simulation and the experiments is highly

improved when the values of Sim(T) are significantly higher
than those of S¢3(T).

2. Experimental

The DSC experiments were performed in a Perkin—Elmer
DSC7 differential scanning calorimeter with a controlled
cooling accessory. The temperature of the equipment was
calibrated with indium and lead standards and only the
same indium sample was used for the heat flow calibra-
tion. The calibrations were performed during heating at
20°C min™".

The PET bar, 1 mm thick, was supplied by Good-
fellow (catalogue number ES303010). The same sample,
with a weight of 20.019 mg, was used in all experi-
ments. This sample was subjected to different thermal
treatments with the purpose of obtaining distinct crystal-
linity degrees.

The ‘amorphous’ PET was prepared by quenching the
sample into cold water, after its melting. All the posterior
treatments were carried out in the DSC7 calorimeter. The
PET131 was prepared by heating the amorphous sample
from 30 to 131 °C at 20 °C min~'. At this temperature, the
DSC scan reached 19% of the total crystallisation peak
area. Then the sample was cooled at 40 °C min~' (the
faster rate for a controlled cooling) from this tempera-
ture to the glassy state. PET133, PET135 and PET163
were prepared in a similar way as PET131, the only
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difference being the temperature where the heating was
interrupted, respectively, 133, 135 and 163 °C, correspond-
ing to partial areas of the crystallisation peak of 31, 47 and
100%. For PET163, the sample was kept at this temperature
for 1 h.

Thermal histories included isothermal annealing at
different temperatures, 7,, over different times, f,, after the
cooling at 40 °C min~! from the equilibrium rubbery state.
The aged samples were then cooled at 40 °C min~' down to
30 °C and the measuring scans were carried out during
subsequent heating scans at a constant heating rate of
20 °C min ' until a temperature around 100 °C was reached.
This final temperature is such that subsequent crystallisation
was prevented although it enabled the obtention of sufficient
points in the liquid (rubbery) zone.

3. Results

The thermogram measured in a heating DSC scan on a
sample of amorphous PET cooled at 40 °C min~' from a
temperature above the glass transition (what we will call
the reference scan) shows the glass transition as a step in
the specific heat capacity c,(T), covering a temperature
interval from 60 to 80 °C. The glass transition temperature,
defined as the temperature of the midpoint of the rise of ¢, in
the transition, is 71 °C.

The glass transition of the sample crystallised at 135
or 163 °C, which are the samples with the highest crys-
tallinity in this work, is quite different from that of
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Fig. 2. Thermograms obtained on heating scans on samples of amorphous
PET and PET crystallised at 131, 133, 135 and 163 °C. Previously to the
scan, the samples were cooled at 40 °C min~' from around 100 °C.

amorphous PET. Roughly speaking, it can be said that
it covers the temperature interval between 70 and
110°C. Tt is very difficult to give an accurate figure
to characterise the glass transition temperature of the
semi-crystalline polymer.

The behaviour of the sample crystallised at 131 °C with
the lowest crystallinity is similar to that of the amorphous
PET, while the thermograms of the samples crystallised at
133 °C are similar to those of the samples crystallised at 135
or 163 °C (Fig. 2).

Figs. 3—6 contain some significant examples of the results
obtained after annealing at temperatures in the glass transi-
tion range or below it. It is shown that both in amorphous
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Fig. 3. Temperature dependence of the heat capacity measured in heating
DSC scans on samples of amorphous PET subjected to isothermal anneal-
ings. (a) Thermograms measured after annealing at 55 °C for (H) 15, ()
60, (A) 240, (O) 3855 min. (b) Thermograms measured after annealing at
62 °C for (W) 5, () 10, (A) 60, and (O) 120 min (annealings for times
longer than 120 min yield exactly the same thermogram, showing that after
this time and at this temperature, the sample arrives to a limit stable state).
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Fig. 4. The temperature dependence of heat capacity measured in heating
DSC scans on PET131 sample subjected to isothermal annealing. (a) Ther-
mograms measured after annealing at 54 °C for (W) 10, (<) 30, (A) 120,
(O) 300, and (A) 1020 min. (b) Thermograms measured after annealing at
62 °C for (H) 10, (<) 30, (A) 60, (O) 240, and (A) 1020 min.

PET (Fig. 3) and semi-crystalline samples PET131, PET133
and PET163 (Figs. 4-6), the annealing produces a peak in
¢,(T) shifting towards higher temperatures and increasing in
height as the annealing time increases. This shift towards
higher temperatures happens because the mobility of the
chain segments, which are necessary to promote the recov-
ery of enthalpy, decreases during the ageing process. The
magnitude of the peak was an indirect measure of the
relaxation of enthalpy during the ageing process [51,52].
The curves obtained in PET135 are similar to those of

2
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Fig. 5. Temperature dependence of the heat capacity measured in heating
DSC scans on samples of PET133 subjected to isothermal annealing at
60 °C for (<) 30, (A) 300, and (O) 845 min.

PET163 and are not shown. The peak in the case of
PET163 is much broader than in amorphous PET.

4. Discussion

The shape of the thermograms measured in amorphous
PET is as expected for an amorphous polymer with a rela-
tively narrow glass transition temperature interval.

Broad glass transitions can be due to a broad distribution
of relaxation times, or a low-apparent activation energy
around the glass transition temperature. But they can also
be produced by the composition heterogeneity of the
material as can be the case of polymer blends in which
different domains in the material have different composition
and thus, different 7.

The broadening of the glass transition for semi-crystalline
PET was also detected by dielectric spectroscopy [4]. These
authors observed that only the low-frequency side of
segmental mobility is influenced by the presence of the
crystalline regions, which agrees with the concept of co-
operativity length [53]. The high-frequency side is not
influenced by the crystal-imposed geometrical restrictions
because of the corresponding short mode length. Their
results support the idea of a cooperative glass transition
[21,54], where the high-frequency and the low-frequency
tails are mainly determined by short range modes and
long range modes, respectively.

In miscible blends and IPNs that present a single but very
broad glass transition [55,56], it has been reported that the
annealing produces a relatively narrow peak in the DSC
thermogram. In that case, the sample consists of a
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Fig. 6. Temperature dependence of the heat capacity measured in heating
DSC scans on samples of PET163 subjected to isothermal annealings.
(a) Thermograms measured after annealing at 55 °C for (A) 240, (O)
768 min. (b) Thermograms measured after annealing at 63.2 °C for 33,
300, 768 and 1200 min.

continuous distribution of regions with different composi-
tions and consequently different glass transitions. When the
sample is annealed at a fixed temperature 7, those regions
with T,s below T, do not relax because they are in equili-
brium at that temperature, while those with a T, higher than
say T, + 40 °C have a very small contribution due to their
slow structural relaxation. Thus, the response to the thermal
treatment, which can be characterised by the peak measured
in the heating scan corresponds only to a part of the
material.

In the case of the amorphous part of highly crystalline
PET, this seems not to be the case. The annealing of the
sample at a temperature within the interval in which the
glass transition takes place, or immediately below, produces
a broad peak in the heating thermogram which covers the
whole temperature interval of the glass transition (as shown
in Fig. 6). This behaviour seems to be a consequence of a
particular kinetics of the structural relaxation of the amor-
phous part of the semi-crystalline PET that should be quite
different from that in the amorphous PET. The modelling of
the process will allow a characterisation of the kinetics of
the structural relaxation of highly crystalline PET.

The experimental ¢,(T) curves measured in PET131 are a
clear indication of two differentiated amorphous phases
present in semi-crystalline PET, one of them with a glass
transition temperature close to that of amorphous PET (we
will call it Phase I) and the other one with a higher T, (Phase
I). After annealing at 54 °C, the thermograms show two
peaks; the one appearing at the lower temperatures falls in
the same region than those appearing in the amorphous PET,
while the peaks appearing at the highest temperature fall in
the same region than those of PET163. This behaviour
agrees with the results reported in the literature for low-
crystallinity PET [16,20,22,23]. The appearance of two
peaks after annealing at a temperature 7, means that at
this temperature both amorphous phases are out of thermo-
dynamical equilibrium and experience the structural relaxa-
tion process. The rate of this process greatly depends on the
difference between 7, and the glass transition temperature.
Thus at T, = 54 °C (Fig. 4(a)), the structural relaxation
process of Phase I is quicker than that of Phase II and the
low-temperature peak shown in the heating thermogram is
consequently higher. At 62 °C, Phase 1 is very close to equi-
librium and the evolution of the enthalpy during annealing is
small, as can be seen in the results obtained on amorphous
PET annealed at this temperature. On the contrary, at this
temperature Phase II suffers an important evolution which is
detected by the dependence of both the peak height and the
temperature of the maximum with annealing time. Some-
thing similar also occurs in PET163 at the same temperature
(Fig. 6).

PET133 shows a behaviour very similar to PET163, but
after some specific treatments such as annealing for long
periods of time at 60 °C (Fig. 5), a very small peak is
shown in the heating thermogram around 75 °C in addition
to the main peak appearing between 80 and 100 °C as in the
other samples with higher crystallinity.

Our results support the idea that the amorphous part of the
semi-crystalline PET is organised in two phases. The origin
of these two phases should be consistent with the spherulitic
morphology of this polymer, in which crystalline lamellae,
amorphous layers between the lamellae and amorphous
regions between the growing spherulites [17] coexist.
Phase I is far enough from the crystallites to be able to
undertake conformational rearrangements as in the fully
amorphous polymer. Phase II would be formed by polymer
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Table 1

Configurational heat capacity at T, of amorphous and semi-crystalline PET and the model parameters determined by the least-squares routine under the
assumption Sim(Ty = §%(T). The glass transition temperature for the different samples calculated at the temperature at which the relaxation time in

equilibrium is 100 s is also included. See text

B (J/g) ACI’ J/g K) B T, (°C) In(A/s) Tg(a"’q =100 s), AR* (kJ/mol) X
S i™T) = SS(T)
Amorphous PET 1000 0.33 0.41 —-10.4 -314 65 350 0.46
PET133 580 0.19 0.26 6.5 —-29.4 87 470 0.34
PET135 360 0.12 0.25 —-1.9 =272 82 440 0.36
PET163 400 0.13 0.22 13.7 —-30.2 92 540 0.30

chains that are located between crystalline lamellae with
consequent restricted mobility. In fact the dynamics of
the conformational mobility of macromolecules has been
shown to be dependent upon the confinement of the
corresponding phase [57,58]. Phase I is predominant in
low-crystallinity PET131, while in the PET with higher
crystallinity nearly the whole amorphous phase has
constrained mobility and form the Phase II, as proved by
the fact that nearly no low-temperature glass transition is
detected in PET133, PET135 and PET163 with the excep-
tion of very small traces in PET133. If we accept that the
length of cooperativity at the glass transition temperature is
around a few nanometers, these results support that in
PET133, PET135 and PET163 there are no regions of this
dimensional scale consisting of polymer chains with
unconstrained mobility.

Model simulation of the thermal treatments to which the
sample is subjected in the DSC scans allows estimating the
relaxation times of the conformational rearrangements
producing structural relaxation. Model equations include
the temperature dependence of the configurational specific
heat Ac,,(T). A linear equation for Ac, (7)) has been shown to
reproduce accurately the experimental results in amorphous
polymers [59]. In our experiments, the experimental results
contain few information about the heat capacity of the
samples in liquid state, as the highest temperature of the
scans is not far from the glass transition in order to avoid
any crystallisation of the sample. In the model calculations,
we will use a constant value for Ac,,. To calculate it, the heat
capacity of the glass was fitted to a straight line determined
by least-squares in the temperature interval between 30 and
60 °C. The specific heat of the liquid was consider as a
straight line with the same slope than the one of the glass
but coinciding with the experimental value of ¢, at 110 °C.
This determines the values Ac), that are included in Table 1.

As a first step, computer simulation was conducted under
the assumption that the limit state of the structural relaxation
coincides with the extrapolated equilibrium states, i.e. with
parameter 6 = 0 in the model equations. Thus, the model is
quite similar to SH model (the model called AGL by Hodge
[34]). Five thermograms corresponding to five different
thermal histories were selected for each sample.

Due to the correlation existing between the parameters B
and 7, in the model equations, least-squares routine was

conducted with a fixed value of B, looking for the set of
three parameters 3, 7, and A minimising the sum of the
error function of the five thermograms. In this way, the
least-squares routine looks for a single set of parameters,
characteristic of the material but independent from thermal
histories. The procedure was repeated with different values
of B. For B = 1000 J/g, the value of A found by the search
routine for amorphous PET was 10~ '* s and the difference
was T, — T, = 75 °C. These values are in the order of what
should be expected for the glass transition behaviour of the
amorphous polymers. If the value of B is higher, the pre-
exponential factor A and the difference 7, — 7, rapidly
decrease to unrealistic values. The results of the fits
conducted with B = 1000 J/g are shown in Fig. 7 and
Table 1.

In the case of amorphous PET, the fit is quite satisfactory
taking into account that all the thermograms are reproduced
with the same set of parameters (Fig. 6).

In the case of the semi-crystalline samples, the glass
transition and the structural relaxation phenomena are due
only to a part of the polymer sample. As a consequence, the
value of the configurational heat capacity, Ac,, is smaller
than in the amorphous sample and the same occurs with the
configurational entropy which is proportional to Ac,. In this
way, the same set of model parameters (which means the
same mobility of the amorphous chains) would predict
according to Eq. (6), much larger values of the relaxation
times in the semi-crystalline polymer than in the amorphous
one. To take this into account, the curve fitting procedure
was conducted in the semi-crystalline samples with values
of B such as B/Ac,, being the same as in the amorphous PET:
B/Ac, = 1000/0.32 = 3.125 kK. The values of the para-
meter B for each sample are included in Table 1. This pro-
cedure ensures that the relaxation times calculated by the
model are representative of the conformational mobility of
the part of the polymer which is responsible for the struc-
tural relaxation.

The model calculation under the assumption S\™(T) =
SSA(T) yields in the case of semi-crystalline samples two
¢,(T) curves with peaks taller and narrower than the experi-
mental ones, but with maxima quite coincident with the
experiment, as shown in Fig. 8 for PET133. The curves
are completely analogous in the PET135 and PET163. No
attempt was made to simulate the results of PET131 since
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Fig. 7. Temperature dependence of the heat capacity of amorphous PET measured after different thermal treatments (open circles). (a) 7, = 55 °C, t, =
240 min, (b) T, = 55 °C, t, = 3855 min, (¢) T, = 60 °C, t, = 600 min, (d) 7, = 62 °C, #, = 855 min, (e) T, = 67 °C, t, = 120 min. The narrow line repre-
sents the curves calculated under the assumption Sim(7y > $%9(T) the parameters according to Table 2. The thick line represents the curves calculated with

Shim(T) = §%9(T), and the parameters according to Table 1.
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Fig. 8. Temperature dependence of the heat capacity of PET133 sample measured after different thermal treatments (open circles). (a) 7, = 60 °C, t, =
1800 min, (b) T, = 65 °C, r, = 300 min, (c) T, = 65 °C, t, = 960 min, (d) 7, = 55 °C, t, = 940 min, (e) T, = 55 °C, t, = 3780 min. The narrow line
represents the curves calculated under the assumption Sim(T) > S(T) with the parameters according to Table 2. The thick line represents the curves
calculated with Si™(T) = $¢(T), and the parameters according to Table 1.
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Table 2
Model parameters determined by the least-squares routine under the
assumption S™(T) > $2(T). See text

BQlg 8U/igK) &Ac, B T, (C) In(Als)

Amorphous PET 1000 0.05 0.15 041 -7 —329
PET133 580  0.08 042  0.29 6 —32.1
PET135 350  0.05 040 030 -2 —295
PET163 400  0.07 054  0.36 8 —31.8

the model does not include the presence of two independent
glass transitions and so it is not able to reproduce the double
peaks appearing in the experimental thermograms. The sets
of parameters found are included in Table 1.

Trying to improve the fit, the least-squares routine was
conducted in all the samples under the assumption of
Sim(Ty > §%9(T). The value of B was fixed and the least-
squares routine looked for the set of four parameters 3, 6, T,
and A. The values of the parameters for each sample are in
Table 2 and the computed simulated ¢, (T) curves are repre-
sented in Fig. 7 for the amorphous PET and in Fig. 8 for
PET133. The fit in the case of the semi-crystalline samples
slightly improves under the assumption of S.™(T) > S4(T)
but some of the calculated thermograms (the one repre-
sented in Fig. 7(e) is an example) still show peaks narrower
than the experimental ones. The difference in the model-
simulated curves does not justify in this case the introduc-
tion of the new parameter 6, and thus the relaxation times
will be analysed in terms of the sets of parameters of Table I,
i.e. under the assumption Si™(T) = S%(T).

log(7 Is)
o

-6 T T T
24 26 2.8 3 3.2

1000/T (K™

Fig. 9. Temperature dependence of the relaxation times calculated for
amorphous (¢) PET, (O) PET133, (A) PET135, and (O) PET163 during
40 °C min " cooling. The computer simulation was conducted with the sets
of parameters according to Table 1.

The relaxation time was evaluated with the model
equations for the cooling of the sample at 40 °C min ™'
from equilibrium, using the sets of model parameters
found by the search routine (Table 1). The results of
model simulation are shown in Fig. 9. At high temperature,
while the sample is in equilibrium, the relaxation time
depends on temperature according to Eq. (12), showing a
curvature in the log 7 vs 1/7T similar to that predicted by the
Vogel equation

T, S,) =A exp( 12)

B
TSSq(T))
It seems that the equilibrium relaxation times in the semi-
crystalline polymers are longer than in amorphous PET for
any temperature, or equivalently, that the whole relaxation
process is shifted towards higher temperatures in the semi-
crystalline PET with respect to the fully amorphous sample.
The glass transition temperature can be defined as the
temperature at which the relaxation time attains a deter-
mined fixed value taken frequently as 100 s [60]. This defi-
nition gives us a value of 7, for the semi-crystalline PET
that was difficult to determine from the reference scans as
mentioned earlier. This value is shown in Table 1.

In the glass transition, this behaviour changes when the
material goes into the glassy state. At low temperatures
log 7 depends linearly on the reciprocal of temperature
according to Arrhenius behaviour which is characteristic
of the glassy state. This behaviour is a consequence of the
configurational entropy being almost independent from
temperature in the glassy state (see Eq. (7)). It is remarkable
that the log 7 curves calculated for the semi-crystalline
samples are nearly coincident with each other. The slope
of the Arrhenius diagram in the glassy state

dIn Tgluss _ Eglass
d(/T) R

13)

allows determining a value for the apparent activation
energy EE™S of 160 = 3 kJ/mol for both amorphous and
semi-crystalline samples. The consequence is that the
value of the configurational entropy in the glassy state is
very similar in both amorphous phases. This is not surpris-
ing since S&™* should be a characteristic, nearly universal
parameter determining the temperature interval in which the
glass transition takes place. This activation energy can be
related to the x parameter in HN phenomenology according
to Eq. (5)

Ezgllass
and Ah" can be calculated from the slope of the equilibrium
relaxation time at the glass transition temperature

din7™| Aih*

a1 lr, R (1)

The values of the parameter x in semi-crystalline PET are
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not very different from each other and smaller than in the
amorphous sample (Table 1).

The value of the parameter S is not exactly the same in all
the semi-crystalline samples. Nevertheless, it is always
smaller in the semi-crystalline PET than in the amorphous
sample, indicating that the distribution of relaxation times is
broader. The close interaction with crystallites smoothens
the process of finding amorphous rearranging regions with
different mobility.

The values of the 3 parameter are concordant with values
obtained by other authors [11,21]. The changes observed in
the « dielectric relaxation process during crystallisation
[21] were fitted by the KWW equation. The Byww para-
meter of this equation decreased from 0.3 (amorphous) to
0.21 as crystallinity increased.

In Ref. [52], the authors found that the relaxation function
of the « relaxation could be fitted by a Havriliak—Negami
equation (in the frequency domain) or by a KWW equation
(in the time domain) at the initial stage of crystallisation. In
the same study [11], the Bxww parameter varied between
0.41 and 0.34 when the crystallisation time increased from
271 to 2952 min. According to the authors [11], at the
beginning of the crystallisation the « relaxation was mainly
related to the polymer dynamics within the isotropic amor-
phous phase. Therefore, it was expected that the relaxation
behaviour followed the KWW equation as observed in usual
amorphous polymers.

5. Conclusions

The mobility of the amorphous phase in semi-crystalline
PET can be affected by the proximity of crystallites. When
the amount of crystalline phase is small, two amorphous
phases with clearly differentiated conformational mobility
and consequently with two separated glass transition
processes can be distinguished. Phase I shows the glass
transition in the same temperature range than amorphous
PET and so it can be ascribed to the amorphous conforma-
tional rearranging regions which are far from the crystal-
lites. Phase II, showing the glass transition at higher
temperatures, could consist of polymer chains close to the
crystalline lamellae.

A clear difference has been found between the tempera-
ture dependence of the relaxation time of the conforma-
tional rearrangements of Phases I and II. The former
characterised by the behaviour of amorphous PET. There
has been found no correlation between the crystallinity of
the sample and the mobility of Phase II. Although there is
some scattering in the results found in the different
semi-crystalline samples, the mobility of amorphous
chains close to the crystallites or linked to them
seems to be a characteristic of this interaction and not
of the amount of crystalline phase. When the crystal-
linity of the samples is higher than a critical amount,
DSC is not able to detect any conformational motion,

which could be ascribed to unconstrained amorphous
Phase I.
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